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ABSTRACT
A numerical model based on the coupling of the thermodynamic software ThermoCalc and the Kampmann
and Wagner Numerical (KWN) framework has been developed in this work to predict the evolution of
Cu-rich precipitates in 316 stainless steels. The effect of precipitation hardenning on mechanical properties
at 700°C is investigated as well. The predicted average particle size, volume fraction and number density
of precipitates agree well with the experimental observations. In addition, the precipitation strengthening
effects of Cu-rich precipitates were quantitatively evaluated and agree with experimental data as well. The
slow increase in average radius of Cu-rich precipitates was consistent with the modest change in yield
strength with extended aging. These cumulative results and analyses could provide a solid foundation for
much wider applications of Cu-bearing stainless steels. The developed model can be used to predict the
precipitation behaviour in other similar austenitic stainless steels.
Keywords: Cu-rich precipitates, 316 stainless steel, modelling

INTRODUCTION
The outstanding mechanical formability, good high temperature strength and oxidation
resistance of AISI 316 austenitic stainless steels make them widely used materials in
nuclear power plants [1]. However, the degradation of these materials can result from
thermal aging and other external factors (irradiation, stress, temperature, coolant media,
etc.), which could affect the reliability of components [2, 3]. After heat treatment, Cu-rich
precipitates in the steel matrix will be produced if sufficient amount of copper is present in
the steel. It is well known that the stability, size, type and number density of Cu-rich
precipitates are mainly attributed to superior antibacterial property to the stainless steel and
high temperature strength improvement [6-9]. The stability of these phases in
multicomponent materials such as AISI 316SS under thermal aging is affected by many
variables such as alloy composition, temperature, time, and processing history. However,
there is currently a lack of in-depth understanding of Cu precipitation behaviour in
austenitic steels [10].
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Several investigations have reported Cu-rich precipitation during isothermal heat
treatment and its effects on mechanical properties in austenitic stainless steel [2, 9-11], but
clearly there are practical limits to the duration of such experiments. To be able to
extrapolate these results to longer timeframes, a numerical method is required to predict
precipitate evolution. The simulation of Cu-rich precipitation requires a suitable modelling
framework for capturing the complexity of the multicomponent system and involving the
simultaneous occurrence of nucleation, growth and coarsening. Many efforts have been
devoted to the modelling of the microstructure during the precipitation process for different
types of materials [12, 13]. Accurate modelling of the precipitation process requires a
synchronous consideration of all these contributions to simulate the temporal evolution of
microstructure. Moreover, the phase equilibrium information as well as the composition
and mobility data of the matrix phase need to be constantly updated as nucleation, growth
and coarsening proceed. Therefore, a smooth integration of thermodynamic calculation,
kinetic simulation and property modelling of the material is necessary. However, an
integrated framework coupling reliable thermodynamic calculation, kinetic simulation and
property prediction of 316SS is rarely available.
In this work, the ThermoCalc and Kampmann and Wagner approach (KWN model) are
combined to predict the phase stability, phase compositions and precipitation. First, the
phase properties under different compositions and temperatures are calculated from
ThermoCalc. These may then be used as inputs for the precipitation kinetics and accelerate
the understanding of the stability of precipitate phases in 316SS steels under extended
thermal aging [14]. The simulation results demonstrate the potential applications of the
current methodology to the understanding of phase stability in similar structural materials.
The KWN model is used to predict the precipitation behaviour, and can deal with
nucleation-growth-coarsening phenomena within the same formulation. A few models
based on this framework have been applied to a number of systems [12, 15, 16]. An
important limitation in those approaches is that the overall kinetics is computed by
imposing a constant concentration at the precipitate/matrix interface, and by employing a
driving force obtained from binary dilute solution approximation. Because of the decrease
of solute supersaturation in the matrix during precipitation, the local equilibrium
concentration at the precipitate/matrix interface may change significantly. Moreover, the
chemical free energy change during nucleation based on the dilute solution approximation
in high-alloy systems is also not precise, especially for ternary or higher order systems. The
model presented here intends to overcome this problem via computing multicomponent
thermodynamic equilibrium in the time domain, to obtain the instantaneous local
equilibrium condition at the matrix/precipitate interface during precipitation.
Homogeneous precipitation is considered in this work. The results of this model show good
agreement with experimental observations for late precipitation stages. The precipitation
behaviour of Cu-rich particles in 316SS is thus well understood. The effects of the
precipitation on the mechanical properties are studies as well.
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MATERIAL DETAILS AND EXPERIMENTAL DATA
SAMPLES
The chemical composition of the Cu-bearing 316 L austenitic stainless steel (SS)
investigated in this work is shown in Table 1.
Table 1. Composition (wt%) of 316LCu alloy with Fe as balance
Alloy
316LCu

C
0.016

P
0.005

S
0.001

Cr
18.18

Ni
14.5

Mo
3.02

Cu
4.36

EXPERIMENTAL DATA
Tong Xi etc. solution-treated the 316L-Cu specimens at 1100 °C for 30 min, followed by
water quenching. The specimens were then aged isothermally at 700 °C for 20 min, 3 h, 6
h, 10 h, and 15 h, respectively. TEM (transmission electron microscopy) was used to
analyse the morphology, size and the orientation relationship of Cu-rich precipitates in the
316L-Cu SS. APT (atom probe tomography) was used to characterize the evolution and
calculate the size of Cu-rich precipitates [17]. The experimental results show that, with
increasing aging time, the spherical morphology of Cu-rich precipitate remains unchanged.
Moreover, the lattice constant of the austenitic matrix after solid solution treatment is very
close to that of the FCC Cu-rich precipitates, and the lattice constant misfit ∆α/α is small
[24, 25]. The composition of Cu-rich precipitates obtained by proxigram analysis was
94.1671.26 at.% Cu and 1.7870.22 at.% Fe after 20 min aging, 98.0471.94 at.% Cu and
1.9671.92 at.% Fe after 6 h aging, and 99.1770.82 at.% Cu and 0.8370.81 at.% Fe after 15
h aging.
The average radius increased slightly from 1.38 nm to 2.39 nm as the aging time
increased. The relatively slow growth and coarsening behaviour of Cu-rich precipitates was
largely attributed to the slower diffusion kinetics of Cu than Fe, low interfacial energy and
high strain energy of Cu-rich precipitates in the austenite matrix [17]. The measured
average radius, number density, and volume fraction Φ of the Cu-rich precipitates as a
function of aging time will be compared with calculated results in the next section.

THERMODYNAMIC RESULTS
To produce a reliable kinetic model, it is first necessary to have a sufficient understanding
of the phase equilibrium of the system being modelled. Quantities such as equilibrium
solubility and driving forces must be predicted and used as inputs to the kinetic model. The
ThermoCalc® software [20] employing the TCFE8 thermodynamic database was used to
calculate phase stabilities and compositions. This produces the solute concentration in the
matrix (α) and in the precipitate (β) under equilibrium. In addition, the chemical potentials
of all the components are obtained and employed to determine the chemical driving force
for the nucleation of the precipitates.
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The calculated equilibrium phases and their mole fractions in 316LCu are demonstrated
in Fig.1. Here, the open symbols denote the precipitate phases while the solid symbols
denote the matrix phase in 316LCu. The main precipitates are sigma, M23C6, HCP, Laves
and Cu-rich precipitate.
The predicted composition of precipitate phases is shown in Fig.2 and is compared with
experimental results. The predicted equilibrium Cu-rich precipitates contain 94.02 at% Cu,
and 0.516 at% Fe. While the Cu-rich precipitates obtained by proxigram analysis contain
94.167±1.26 at.% Cu and 1.787±0.22 at.% Fe, 98.047±1.94 at.% Cu and 1.967±1.92 at.%
Fe and 99.177±0.82 at.% Cu and 0.837±0.81 at.% Fe after 20 min, 6 h and 15 h aging,
respectively. The agreement between the calculated and experimental results are
reasonable.

Fig.1 Calculated equilibrium phase mole fraction vs temperature for 316LCu
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Fig.2 Calculated phase compositions in 316LCu for (a) FCC_A1 (b) Cu-rich precipitate

PRECIPITATION KINETICS SIMULATION
The preferred nucleation sites of precipitate phases were specified based on experimental
evidence. In 316LCu, high number densities of spheroidal Cu-rich precipitates were
homogeneously distributed in the austenitic matrix and the interface between Cu-rich
precipitates and austenitic matrix remained coherent during the aging process [2, 17].
In this work, the KWN model is applied to predict precipitation of multiple phases [16].
The process of nucleation, growth, and coarsening of particles can be predicted
simultaneously in this model. The number of new Cu-rich precipitates is calculated
according to classical nucleation theory. The growth of particles is assumed to be governed
by the diffusion rate of Cu to or from the particle/matrix interface. The particle size
distribution and the volume fraction of the precipitate particles are updated at each time
step. They are used to recalculate the matrix compositions during discrete time steps which
are determined by a mean-field approach. After each time-step, the Cu concentration
remaining in the matrix is recalculated and used in the next time-step. Coarsening arises
naturally in the model. Using this method, the transition from nucleation and growth to a
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coarsening-dominated regime is naturally predicted as the precipitate volume fraction
increases.

NUCLEATION
Classical nucleation theory gives the homogeneous nucleation rate as [15]:
 4 n r *2 
 
I = N v Z  * exp  −
 exp  − 
3kT 
 t


(1)
where Nv is the number of nucleation sites per unit volume (equal to the number of atoms
per volume for homogeneous nucleation);
2
Z is the Zeldovich nonequilibrium factor, Z = Va Gv ;
8  n3 kT
β* is the rate of atomic attachment to a growing embryo,  = 16 n cD / Gv a ;
k is the Boltzmann constant;
T is the thermodynamic temperature;
γn is the interfacial energy of the matrix/nucleus interface; The interfacial energy of Cu-rich
precipitated is cited from [11, 20].
*

r* is the radius of the critical nucleus,

2

2 4

r * = −2 n / Gv ;

τ is the incubation time for nucleation,  = 8kT  n a / Va Gv Dc ;
ΔGν is the chemical volume free energy change driving nucleation,
4

Gv = −

2

ln(1 − ci )
RT  ln(ci )
[ce
+ (1 − ce )
];

Vm
ln(ce )
ln(1 − ce )

Vm is the molar volume of the precipitating phase;
ci is the instantaneous concentration of Cu in the matrix. This is the far field matrix
concentration, strictly speaking an infinite distance from the precipitate/matrix interface;
cae is the concentration of solute in the matrix (α) in equilibrium with the precipitate (β);
cβe is the equilibrium concentration of solute in the precipitate phase;
Va is the volume per atom in the matrix;
c is the concentration (atomic fraction) of Cu solute in the matrix;
a is the lattice constant of the product phase which is equal to 0.36 nm in this work [10];
D is the diffusivity of Cu precipitate in matrix.

GROWTH
The Cu-rich particles appear approximately spherical in shape. The modelling of precipitate
growth with local equilibrium at the interface is based on the theory for spherical
precipitates. The development of the radius of the spherical precipitate is assumed to follow
the parabolic equation. The growth rate is limited by the rate at which Cu can diffuse to the
particles and is given by
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dr D ci − cr
=
dt r c  − cr

(2)

where D is the chemical diffusion coefficient of Cu [m2/s], r is the particle radius [m],
𝑐𝑟𝛼 is the concentration of solutes in the matrix at the interface (which depends on the
𝛽
particle radius due to the effect of capillarity), 𝑐 is the concentration of solute in
precipitates and ci is the instantaneous concentration of Cu in the matrix. 𝑐𝑟𝛼 is calculated
using the Gibbs–Thomson equation:
2 V 1
(3)
cr = c exp( n m )
RT r
where γn is the interfacial energy of the growing (or shrinking) particle [J/m2].
The mean solute concentration of the components in the matrix, ci, is updated after each
time step:
 4
(4)
ci = c0 − (c  − c )   r 3 dr
0 3
where ϕ is the size distribution function. The newly obtained multicomponent matrix
composition is employed as an input for the thermodynamic computations in the next time
step.
The chemical diffusion coefficient of Cu in γ-iron is measured in [18]

D = 0.19 exp(

−65100
)  10 −4
RT

(5)

PRECIPITATE COARSENING
Coarsening occurs when large precipitates grow at the expense of small ones, without a
change the overall volume fraction. As the fraction of solute in the matrix decreases during
precipitation, the driving force for nucleation and growth of the precipitate particles
decreases and the critical particle radius increases. The growth rates of all the particles size
classes were calculated at the edges (i.e. upper and lower bounds) of each class. For
particles with radii smaller than the critical radius, r∗, the size of the particles will have a
negative growth rate according to Eq.(2). Particles radii larger than r∗ will retain a positive
growth rate and increase in size. When the size of a group of shrinking particles reaches
zero they are removed from the size distribution. The particles are then reallocated to the
size classes.
Secondly, the precipitates size distribution at each iteration is updated by a third order
Runge–Kutta scheme [19] with an adaptive time step. The time step was adjusted to ensure
that the error in the change in radius was less than 0.1 nm between steps and the error in
the prediction of number density was less than 0.01 particle/μm3. In the early stages of
precipitation, the time step is very small to ensure these criteria are met when nucleation
and growth rates are most rapid. In the later stages of precipitation and during coarsening,
the time step expands, where changes occur more slowly, allowing more efficient
calculation.
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Table 2 Parameters used in this work
Parameter
Nv
a
γn
Vm
Va
k
R
T
M
G
b
Δa/a

value

Reference
Calculated in this work
[20]
[11, 20]
Calculated by Thermo-Calc
[21]
[22]
[22]
In this work
Taylor factor
Shear modulus
Burgers vector
Misfit parameter

0.36e-9 m
0.017 J/m2
7.457e-6 m3/mol
1.17×10-29 m3
1.38×10-23 m2*kg/(s2*K)
8.314 J/(mol*K)
700 °C
3
75.3GPa
0.254nm
0.38%

STRENGTH MODEL
The increment of macroscopic yield strength σp can be calculated as [10]

R
b

 p = 4.1MG 3/ 2 v f 1/ 2 ( )1/ 2 +

2M
( n b ) 2 / 3
bLT 1/ 2

(6)

where M is the Taylor factor, G is the shear modulus of the austenitic matrix and b is the
Burgers vector in the matrix , T is the line tension of the dislocation, approximately equal
to Gb2/2 [49], ε= 2/3 (Δa/a) is the coherency strain, L=0.866/(RN)1/2 is the mean particle
spacing in the slip plane, vf , N and R are the volume fraction, number density and average
radius of Cu-rich precipitates, respectively. These input parameters are shown in Table 2.

RESULTS AND DISCUSSION
The integrated model can now be used to predict precipitation for a range of alloy
compositions and investigate the effect of changing the bulk alloy composition on the
precipitation kinetics. The input parameters are shown in Table 2. Fig. 3 shows plots of the
predicted evolution of volume fraction, number density and particle radius along with the
experimental data at 700°C. The average measured radius of Cu-rich precipitates is
1.387±0.46 nm after aging for 20min, while it increased to 2.077±0.71nm and 2.397±0.81
nm after aging for 6h and 15h, respectively. Meanwhile, the number density of the Cu-rich
precipitate decreases continuously from 1.29×1024 m-3 after 20 min aging to 4.27×1023 m-3
after 6h aging and further to 2.65×1023 m-3 after 15h aging [10]. The predicted radius of
Cu-rich precipitates is 1.4 nm after aging for 20min, while it increased to 2.0 nm and 2.4
nm after aging for 6h and 15h, respectively. The predicted number density of the Cu-rich
precipitate decreases continuously from 1.3×1024 m-3 after 20 min aging to 4.3×1023 m-3
after 6h aging and further to 2.7×1023 m-3 after 15h aging.
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The predicted volume fraction, number density and average size of Cu-rich particles are
in good agreement with published experimental results. The volume fraction of Cu-rich
particles increases rapidly initially and then remains relatively constant at different aging
time, indicating that the Cu-rich precipitates are in a regime where growth and coarsening
are dominant. At first, the number density of Cu-rich particles increases rapidly in a very
short time. Then the number density begins to decrease as described by the experiment. The
decrease of number density is very fast and followed by a relatively stable state. Meanwhile,
the average precipitate size increased with increasing the aging time. After increasing
rapidly in size at the early stage of aging, the growth rate of Cu-rich particles slowed down
and kept at a relatively stable state. The slight increase in mean radius and decrease in
number density were consistent with the tiny change in mechanical properties under
different aging time [10].
The predicted total precipitation strengthening is shown in Fig.4, which is 15.81MPa,
20.37MPa and 21.23MPa for 20min, 6h and 15h aging, respectively. The calculated results
are a bit higher than the experimental results but within reasonable agreements. The reason
resulting in the slowly increment of yield strength with extended aging time is the weak
precipitation strengthening effect of Cu-rich precipitate and the slow growth of the Cu-rich
precipitate.
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Fig. 3. Predicted and measured evolution of: (a) volume fraction of Cu-rich precipitate (b) Curich precipitate number density; and (c) mean radius with time at 700°C. Measured data from
[17]
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Fig. 4. Strengthening contributions of Cu-rich precipitates in316L-CuSS.

CONCLUSIONS
A model describing the precipitation kinetics is developed. The model is based on a KWN
framework with continuous nucleation in the matrix and a growth rate computation
incorporating capillarity effects. The model is coupled with ThermoCalc® thermodynamic
databases for obtaining the instantaneous equilibrium condition at interface. Models have
been developed to predict the full precipitation process for the Cu-rich precipitate phase,
from the initial nucleation stage to the final coarsening dominated stage. The size
distributions and particle size evolution predicted by the model in this study agree well with
the experimental data reported in the literature. The model is able to predict the overlapped
nucleation-growth-coarsening kinetics in a natural way and trace the particle size
distribution throughout the process. The model is of a general nature, and it can be applied
to other precipitate phases present in similar stainless steels. The precipitation hardening
effects of Cu-rich precipitates are simply and quantitatively analysed. The strengthening
effects are found to be relatively small and consistent with the experimental results.
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